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Solid-state deformation processes have been used to achieve polymers of high tensile
moduli. The processes are based on achieving continuity for the oriented high-strength
covalent bonds of the polymer chain. This is accomplished by the pulling out of chain
folds and the subsequent extension of the long polymer chains which run both through
and between crystal lamellae. Three major processes are used in solid-state deformation
of semicrystalline polymers. In common cold drawing, the polymer is stretched at or
below the crystalline melting point. In cold extrusion, a plug of solid polymer is forced
by a ram through an orifice of smaller cross-sectional area to achieve draw, The third
process, hydrostatic extrusion, is similar to cold extrusion except that the solid plug is
surrounded by a pressure transmitting fluid which exerts a hydrostatic pressure on the
plug that forces it through an orifice. Each method has distinct advantages and dis-
advantages that are described. Proposed molecular models for the three solid-state
deformation processes generally consider the breakup of crystalline lamellae, their
orientation in the deformation direction, and the pulling out of folded chains. These
unfolded chains form tie-molecules between and among the disrupted lamellae. At highest
deformation, fibril formation is observed which involves the partially extended tie-
molecules. It is these chain-extended tie-molecules which are responsible for the
unusually high tensile properties for drawh semicrystalline thermoplastics in the

orientation direction.

1. Introduction

Solid-state  deformations of  semicrystalline
polymers can cause an efficient orientation of
chains in the stress direction with a consequent
large increase in mechanical properties in the
orientation direction. The processing conditions
for solid-state deformation vary widely with
polymers. There is evidence [1, 2] that the
optimum temperature for such a process lies above
the so-called « transition temperature and below
the crystalline melting point. This suggests that
solid-state deformations are ideally done in a tem-
perature range where the polymer crystals are able
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to plastically deform without the concomitant
occurrence of covalent bond rupture.

The three major processes used in solid-state
deformation of semicrystalline polymers are cold
drawing, cold extrusion and hydrostatic extrusion.
These will be reviewed later, after a general dis-
cussion on the effects of solid-state deformation
on polymer structure. Because the most published
work, as well as this review, deals primarily with
polyethylenes and nylons, the structure and
morphology of these two polymer types are dis-
cussed prior to discussion of deformation pro-
cesses and the consequent products.

2365



2. Undeformed structure and morphology
Polyethylene (both high and low density) and the
various aliphatic polyamides (nylons) have been
studied extensively using various solid-state defor-
mation processes. Linear (high-density) poly-
ethylene offers a simple hydrocarbon structure
that is readily characterized and uncomplicated by
side groups, labile substitutes or strong inter-
molecular secondary bonding forces. Its theoretical
modulus is also among the highest of any thermo-
plastic [3]. Nylons, on the other hand, offer the
promise of enhanced mechanical properties and
thermal stability due to their abundant hydrogen
bonding. For these reasons many laboratories,
including this one, have undertaken investigations
of the solid-state deformation behaviour of these
two thermoplastics.

2.1. Polyethylene
2.1.1. General
Polyethylenes, (CH,CH, ),,, commonly have chain
ends of methyl (~CH3) or vinyl (—CH=CH,)
groups. Low-density branched polyethylene
(o0~ 091 to 092gcm™) consists of the same
chain backbone but contains about 20 to 40 short
(2 to 5 carbon atoms) side chains per 1000 main-
chain atoms. Medium density polyethylene (p ~
093 to 0.94gcm™3) contains fewer short side
chains, whereas high-density (linear) polyethylene
(o~ 095 to 0.96gcm™>) commonly has less than
10 short side chains per 1000 main-chain atoms.
Lesser concentrations of long-chain branching are
also associated with short-chain branching and
their effect on intrinsic viscosity and molecular
weight distribution has been investigated by
Billmeyer [4], Beasley [S], and Harris [6],
Long-chain branching is thought to result from
radical transfer from a growing chain to a dead
chain, which then grows a long branch.
Polyethylenes of higher density exhibit a
sharper “neck” and a greater “‘natural draw ratio”,
terms defined in Section 4.

2.1.2. Crystal structure

Polyethylene exists in a planar zigzag (2; helix)
chain conformation and is normally found in an
orthorhombic unit cell having dimensions of a =
740A,b=4.934, and ¢ = 2.534 A [7] . The pro-
jected C—C bond length in the chain backbone is
1.53A and the C—C—C bond angle of 112° is
slightly larger than tetrahedral. A form of iso-
morphism exists in polyethylene in that the unit
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cell dimensions (and consequently the crystal
density) vary with branching [8]. For example,
Walter and Reding [9] found that the g-axis varied
from 7.68 to 7.36A, the b-axis from 5.00 to
494 A, and the calculated crystal density from
0.956 to 1.014gecm™ as the branching ratio,
CH;/1000CH,, decreased from 80 to zero. More
extreme alterations of the unit cell occur upon
severe sample deformations and these will be dis-
cussed in Section 3.7.

2.1.3. Spherulitic structure
Polyethylene crystallizes into spherulitic macro-
structures of sufficient size to scatter visible light;
thus thick specimens are opaque. This scattering
originates both at the boundaries and inside of the
spherulites themselves [10]. Polyethylene spheru-
lites are negatively birefringent (greater refractive
index in the tangential direction) with the mol-
ecular chain axis (c-axis) oriented tangentially
within the spherulites. Crystal growth occurs most
readily along the b-axis, which lies crystallographi-
cally along the radii of the spherulites. Spherulites
are composed of a radiating fibrous structure and
the alternating light and dark “rings” observed in
many spherulites are believed to be due to a
twisting of the radiating fibrils [11—14].
Spherulite size is an important factor in deter-
mining the physical and mechanical properties of
polyethylene. Early detailed studies of the crystal-
lization kinetics of linear polyethylene were con-
ducted by Mandelkern and Quinn [15] and by
Buckser and Tung [16] . They found experimentally
the marked effect of temperature on crystallization
rate which had earlier been predicted from theories
for nucleation and growth. At greater degrees of
undercooling, the spherulites are more numerous
and therefore grow to a smaller size as their
boundaries impinge. For crystallization nearer the
melting point, fewer spherulites are nucleated, but
those that are, grow larger, and the result (for a
polyethylene of given branch content) is higher
crystallinity for those specimens crystallized at
lower degrees of undercooling. Low-density poly-
ethylene is commonly 50 to 60% crystalline; high-
density polyethylene, 65 to 90%, depending on
crystallization conditions and molecular weight.
Compared to most other semicrystalline polymers,
polyethylene crystallizes rapidly, probably because
of its regular structure, short chain repeat distance,
and high chain packing density. The equilibrium
melting point of a linear, high molecular weight



polyethylene was shown by Mandelkern et al. [17]
to be near 137° C. However, under the common
non-equilibrium conditions in conventional pro-
cessing, the melting point is 132 to 135° C. Low-
density polyethylenes melt down to 100°C.

2.1.4. Chain-folding and annealing

The underlying reasons for chain-folding in
polymers have been reviewed by Lindenmeyer
[18]. The driving force for folding is the lowering
of conformational energy by regular (crystallo-
graphic) folding of long molecules so that van der
Waals interactions come into play. Such lowering
of energy by regular folding occurs only below the
melting point, Ty,, since at temperatures above
T,,, the random coil conformation is energetically
favoured [19]. Lindenmeyer [18] goes on to state
that the composition of the polymer crystal will
differ from that of the melt because (1) short
molecules would increase the free energy of the
crystal if they were incorporated, and (2) long
molecules would increase the free energy of the
liquid if they remain in the crystal vicinity. He
therefore concludes that there is a driving force for
both extremely short and extremely long molecules
to diffuse away from the growing crystal. These
uncrystallized entities remain as disordered regions
within spherulites and at spherulitic boundaries.

Annealing of polyethylene crystals generally
results in longer fold periods but, in the case of
crystals with lamellae thicker than 120 A, Keller et
al. [20] found that the fold period decreased on
annealing between 95 and 125° C. They attribute
this decrease in long spacing to increased molecular
tilt within the crystal lamellae. At higher tempera-
tures, these crystals, also, thicken, and a molecular
reorientation (rotation around the crystallographic
b-axis) occurs.

During isothermal annealing, crystal thickening
is usually observed to be an irreversible process,
and Sanchez et al. [21, 22] treat the phenomenon
as an irreversible thermodynamic process wherein
the driving force for thickening arises from the
unequal free energies of the fold and lateral
surfaces. Their theory provides a basis for con-
sidering the effects of time, temperature, thermal
history, pressure, and liquids on the thickening
rate.

In a paper discussing temperature-induced
reversible changes of long spacing in oriented poly-
ethylene, Pope and Keller [23] conclude that large

temperature-reversible changes in long spacing of
polymers are a consequence of partial melting of
small or imperfect lamellae leading to an increase
overall periodicity. The requirement of an irregular,
or imperfect crystal lattice explains why the effect
is not generally observed in single crystals.

2.1.5. High pressure crystallization

The crystallization of polyethylene under pressures
of 2 to 6 kbars has been investigated with regard to
crystallization  kinetics [24—-26], morphology
[24-26], and physical and mechanical properties
of the resultant material [27, 28]. Two possible
modes of formation of extended chain crystals
under pressure are possible: (1) thickening with
time of initially folded chain crystals into
extended chain lamellae, or (2) direct formation
from a melt of extended chain crystals. Yasuniwa
et al. [24] believe both types of formation can
occur. They postulate that the extended chain
crystal grows rapidly and directly from the melt
under pressure. When quenched to the crystal-
lization temperature, T,, of the folded chain
crystal, folded chain lamellae begin to grow and
thicken because extended chains have lower free
energy under high pressure. These authors found
no chain-extended crystals at pressures below
2500atm. Kyotani and Kanetsuna [25] studied
polyethylene crystallization at from 840 to 5300
atm and concluded that (1) isothermal crystal-
lization occurs much faster under high pressure at
comparable undercoolings, (2) the Avrami equation
is valid for high-pressure crystallization and the
Avrami exponent n decreases from ~ 2 at 840 atm
to ~1 at 5100atm, (3) the surface energy of
crystal nuclei appears to decrease with increasing
crystallization pressure, and (4) extended chain
crystals grow at a high rate, predominantly in one
dimension, under high pressure. Maeda and
Kanetsuna [26] crystallized polyethylene at from
220atm up to 6000atm and noted three major
pressure ranges. In the low range, below 2000 atm,
folded chain crystals are formed; between 2000
and 3500 atm, mixed crystallization of extended
and folded chain crystals takes place, while ex-
tended chain crystals become more stable and
appear in larger quantity with increasing pressure;
in the high-pressure region above 4700 atm, two
stages of crystallization and of melting and
reported, one producing “ordinary’ chain-extended
crystals, and the other leading to “highly extended
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chain” crystals which melt at temperatures above
the crystallization and melting temperatures of
the “ordinary” extended chain crystals.

Early work on pressure-crystallized polyethylene
was carried out by Wunderlich et ol {27, 28].
They found, as did Maeda et al. [26] ten years
later, three pressure regions where folded chain,
folded chain/extended chain mixtures, and ex-
tended chain crystals, grow. They also reached
several additional conclusions; (1) Pressure de-
creases the amorphous volume more than the
crysialline volume, (2) the crystallographic ¢- and
b-axes are compressed more easily than the e-axis,
(3) the melting point of the crystalline phase in-
creases approximately 0.02° Catm™ . and (4) the
equilibrium maximum melting point of the poly-
ethylene crystal is 140 £ 0.5° C. They found that
at the highest pressure investigated, 5300 atm, ex-
tended chain lamellae can be as thick as 3 um [28] .
Well defined kink bands were observed in the
thicker extended chain lamellae. The authors
suggest that either molecular weight fractionation
or an end-to-end alignment of molecules and sub-
sequent folding takes place during the growth of
the extended chain lamellae. Rees and Bassett [29]
investigated the effect of pressure on the crystal-
lization of polyethylene fractions and concluded
that the thickness of extended chain lamellae is a
function of time, temperature, and molecular
weight. They found that crystallization is quan-
titatively similar to that of folded chain crystals at
1 atm, giving an optimum lamellar thickness which
increases with time and decreased supercooling.
These authors further noted that (1) fractional
crystallization is widespread, (2) isothermal
thickening of lamellae during crystallization occurs,
and (3) layers can anneal to thicknesses ten times
their initial size.

Extended chain high-density polyethylene has
been reported by Lupton and Regester [30] to be
stiffer and somewhat stronger than normal folded
chain' HDPE. They note that with molecular
weights in the range for moulding or extrusion, the
extended chain material is inductile and brittle,
while molecular weights near 2 x 10 are still rigid
but tough. The authors postulate a polymorphic
transition between orthorthombic and triclinic
phases at 5000 atm, determined from volume—tem-
perature behaviour. Attenburrow and Bassett [31]
studied the morphology of chain extended ultra-
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high molecular weight linear polyethylene after
drawing five-fold. Crystallization is believed to
proceed via a hexagonal high-pressure phase [32]
into the orthorhombic crystal. The authors note
that ultra-high molecular weight chain-extended
polyethylene shows some ductility in tension if
low molecular weight material is removed prior to
pressure treatment. Because the majority of
extended chain lamellae survived the drawing
process, it was postulated that melting had not
occurred during drawing (up to 6.5 draw ratio).
However, perhaps 20% of lamellae were disrupted
while others underwent uniform shearing and, as
with chain-folded polyethylene, voiding and/or
crazing was observed.

A review of polyethylene crystallization under
pressure by Bassett [32] details a number of
points: (1) chain-extended growth results from
crystallization of a high-pressure hexagonal phase,
(2) the hexagonal phase incorporates gauche, as
well as trans, bonds along the chain, (3) lamellar
thickening occurs by a local melting and recrystal-
lization, and (4) lamellar thickness is inversely pro-
portional to supercooling and entropy of fusion.

This discussion of polyethylene structure and
morphology represents only a minute part of the
extensive associated literature. Numerous im-
portant papers have been published by A. Keller,
L. Mandelkern, B. Wunderlich, E. Baer, and a host
of others. General reviews of polyethylene, its
technology and uses, can be found in [8] and [10].

2.2. Nylon

2.2.1. Crystal structure

A second class of polymers which has been widely
investigated with respect to solid-state extrusion is
the polyamides, or nylons, by trademark de-
finition, a nylon is any long-chain synthetic poly-
meric amide which has recurring amide groups as
an integral part of the main polymer chain. Nylons
are synthesized in many ways. These include the
condensation of diamines with diacids, the poly-
merization of amino acids, and the ring-opening
polymerization of lactams. The varied routes to
synthesis lead to many different types of nylons
whose structure and properties differ widely. The
various aliphatic nylons are named by a numerical
system based on the number of carbon atoms in
the monomer(s) from which they are synthesized.
For example:



H,N(CH;),,NH, + HOOC(CH,),, -, COOH
—> —NH(CH,),NHCO(CH,),,, - ,CO—
diamine + dibasic acid — nylon nm + 2H, O

H2 N(CH2 )n -1 COOH — *NH(CHz )n -1 CO“ + H2 O

amino acid nylon m
[ Cc=0
(CHani oy —NH(CH;),-5CO-
lactam nylonn

n indicates the number of carbon atoms in the
diamine; m the number of carbons in the dibasic
acid. A single number indicates the carbon number
in the amino acid or lactam.

For convenience, nylons may be classified into
six groups according to the number of CH, groups
in the monomeric units [33]:

Group A; Nylons from diamines with even
numbers of CH, groups and dibasic acids with
even numbers of CH, groups — 66, 68, 610, 612.

Group B; Nylons from diamines with even
numbers of CH, groups and dibasic acids with odd
numbers of CH, groups — 49, 69, 89, 109.

Group C; Nylons from diamines with odd
numbers of CH, groups and dibasic acids with
even numbers of CH, groups — 76, 78, 710.

Group D; Nylons from diamines with odd
numbers of CH, groups and dibasic acids with odd
numbers of CH, groups — 77, 79, 99.

Group E; Nylons from w-amino acids with even
numbers of CH, groups (odd numbers in the con-
ventional expression) — 7,9, 11.

Group F; Nylons from w-amino acids with odd
numbers of CH, groups (even numbers in the con-
ventional expression) - 4, 6, 8, 10, 12.

Probably the most interesting and important
phenomenon common to all nylons is the presence
of inter- and intramolecular hydrogen bonding.
They exist in both the crystalline and noncrystal-
line regions. Their presence and extent is respon-
sible for many nylon characteristics. Differences
in melting temperature, water sorption, tensile
properties, density and solvent resistance are
found among the nylons having different con-
centrations of amide groups in the main chain. The
crystalline melting points, for example, increase
with the concentration of amide groups [34—37]
as shown in Fig. 1. This is due to an increase in
hydrogen bonding which increases the cohesive
forces between adjacent molecules. Nylons with
even numbers of CH, groups have higher melting
points than those with odd (Fig. 1). In earlier
studies it had, therefore, been suggested, on the
basis of X-ray studies [38], that structures with
planar zigzag chains, where hydrogen bond for-
mation is incomplete, exist for even—odd, odd—
even and odd—odd nylons [34, 35, 39]. However,
it has subsequently been shown by infrared
spectroscopy that hydrogen bonding between
amide groups is essentially complete in both odd
and even members and that no more than 1% free
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Figure 1 Melting points of polyamides;
methylenediamine and bibasic acids,
Kinoshita [33]).
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from diamines and azelaic acid, —-—- from w-amino acids. (after
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NH absorption is observable at room temperature
[40]. This suggests that a structure must exist
which deviates from the planar zigzag which allows
essentially complete hydrogen bond formation.
This structure has been called the y-form and is
the common structure for odd—even, even—odd
and odd—odd nylons and sometimes occurs for
even and odd nylons. The even nylons (containing
odd numbers of CH, groups) usually exhibit the a-
and B-forms for short CH, sequences, e.g., nylon 4
and nylon 6, while the y-form is found in longer
sequences, as nylon 8, 10 and 12.

The a-phase is comprised of planar sheets of
hydrogen-bonded molecules stacked upon one
another. The X-ray fibre photograph of the
B-phase is characterized by a meridional spot and
layer line streaks. It has been postulated that
successive sheets in the B-phase are staggered “up
and down” instead of always being displayed in
the same direction (Fig. 2). The presence of the
B-phase cannot be reliably determined except in
samples possessing a high degree of axial orien-
tation. In the y-phase, polyamide chain bonds are
rotated into a puckered or pleated conformation
to form strain-free hydrogen bonds [42]. y-phase
nylons, therefore, have shorter chain-repeat

distances by a nearly constant value than those cal-

culated for the fully extended form. The y-phase
unit cells are usually pseudohexagonal [33].

Bunn and Garner [38] have shown that nylon
66 and 610 exist in both the a- and B-forms. The
unit cell was found to be triclinic with one chain
molecule passing through it for the a-form. An
alternative packing of sheets (see above) gave a
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Figure 2 Arrangement of sheets of molecules in « and g
crystals. Lines represent chain molecules, circles oxygen
atoms. (after Bunn and Garner [38]).
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two molecule triclinic cell which is the -form. The
a-form was found to be the more stable phase.
Above 165 to 175° C the unit cell of nylon 66
changes to pseudohexagonal [58, 59}. Such poly-
morphism is evident in the other polyamides as
subsequently discussed.

The crystal structure of nylon 6 has been in-
vestigated by several authors [33, 43—48,254] on
samples of various thermal and mechanical treat-
ments. The a-, 8- and y-forms have all been postu-
lated. It has been concluded [33, 43, 48] that the
a-form is the most stable and the S-form can be
converted to the a-form by immersion in boiling
water for 5 or 6h [43] . The shifting of the hydro-
gen bonds generates the different crystalline forms
[48], e.g. the a-form which is characterized by
sheets of antiparallel chains [33, 46, 47] with the
structures being interconvertible [47, 52-57].
The a-form can be converted to the y-form by
treatment with an aqueous 7, —KI solution and an
aqueous solium thiosulphate solution, while the -
form is convertible to the a-form by treatment
with aqueous phenol or by stretching at high tem-
perature [47, 52—57]. Lindenmeyer [254] has
observed stable « and v crystals in highly annealed
nylon 6 fibres. Metastable pseudohexagonal crystals
were also observed.

Recently, a method has been developed [60, 61]
relating quantitative structural information to
wide-angle X-ray diffraction results, using nylon 6.

The structure of nylon 11 has been studied by
various researchers [33, 62—66]. The unit cell is
triclinic, having diameters a =4.94&, b=54A4,

=1494; a=49°, B=77°, y=63"[62].
Slichter [63] found that, for nylon 66 and 610,
the lateral asymmetric packing in the basal plane
of the triclinic cell shifts towards hexagonal
packing as the temperature is raised. A concomitant
shortening of unit cell length was attributed to
twisting of the chain segments during motion.
Similar polymorphism has been noted in nylon 11
[64, 65]. Genas [64] found that, above 70° C, the
a, b (basal) plane of the triclinic cell assumes hex-
agonal packing. Onogi et al. [65], found that
quenched film of nylon 11 contains y (pseudo-
hexagonal) crystals, while film solution cast from
m-cresol contains « (triclinic) crystals. When films
containing vy crystals were annealed above 90° C,
they transformed into the a modification.

The structure of nylon 12 has only recently
been investigated [49, 50]. It exhibits [50, 51]
the y-phase (Fig. 3). Northolt et al. [49] also



Figure 3 (A) Crystal structure A of the v form of nylon
12 (a) projection on the ab plane (b) projection on the
plane perpendicular to the g-axis. (B) Crystal structure B
of the v form of nylon 12 (a) projection on the ab plane
(b) projection on the plane perpendicular to the g-axis.
(after Inoue and Hoshino [50]).

found that nylon 12 may exist in two different
forms, depending on conditions. Melt-pressed
sheet that was quenched in ice water, drawn 4.5 x,
and annealed at 170°C at constant length for
several hours under nitrogen, revealed a hexagonal
unit cell, while melt-pressed sheet that was
quenched in ice water, drawn 7 x, and cooled
under stress to room temperature, exhibited what
appeared to be a mixture of mono- and triclinic
unit cell structures. Inoue and Hoshino [50] pre-
pared their sample by drawing a nylon 12:meono-
filament 3.6 x in boiling water then annealing it at
150° C for 10h. They found a monoclinic unit cell
resembling the y-form of the other even nylons.
No transition to the a-form was observed even
when the sample was subjected to stretching at
temperatures near 150° C or treated with aqueous
phenol. It was, therefore, decided that the y-form
of nylon 12 is more stable than for nylon 6, nylon
8 or nylon 10. This led to the conclusion that the

longer the molecular chain in the even nylons, the
more the crystal shows a tendency to form the -
phase. Ishikawa et al. [51] used sheets drawn from
24 to 4.0 x at from 50 to 150°C, they also de-
tected the «y-form under all test conditions.

2.2.2. Morphology

Most studies of polyamide morphology have been
onnylon 66 [67—74] . Many aspects of its structure
and behaviour apply to other nylons.

Like most semicrystalline polymers, nylons
normally crystallize in spherulitic forms. Under
mechanical stresses or strong thermal gradients,
most crystalline polymers show a variety of non-
spherulitic and oriented structures. Nylons, how-
ever, under usual processing conditions, yield
spherulitic forms. Kohan [42] believes this is be-
cause the melts tend to supercool markedly. He
feels that by the time crystallization begins, the
stresses have reduced greatly from the initial values
and the environment approaches a quiescent con-
dition. This could also be responsible for the
apparent absence of spherulites in crystalline
nylon samples which have a milky appearance. The
spherulites are, in fact, present, and scatter visible
light, but are too small to be seen with a light
microscope.

The many studies of nylon 66 [67, 73, 74, 78—
80] have revealed the formation of four types of
spherulites under different conditions, these are:

(1) Positive spherulites; These are spherulites
having their larger refractive index in the radial
direction. They grow exclusively when the melt is
cooled rapdily to below 250°C. They can also
grow at higher temperatures in combination with
other forms. Experimental data from infrared
spectroscopy |72, 81], X-ray diffraction [78] and
electron microscopy [79] suggest that positive
spherulites are composed of fine fibrils of folded
chain ribbons. The planes of the hydrogen bonds
(a-axes) are directed along the radii.

(2) Negative spherulites; These are spherulites
having their larger refractive index in the tangential
direction. These grow between 250 and 270°C
and are always accompanied by spherulitic aggre-
gates. These spherulites grow faster than positive
spherulites and, as shown by X-ray [78], are
highly crystalline but with little preferred orien-
tation of the unit cells. Infrared data [73] indicate
well developed chain-folding comparable with that
in single crystals. Negative spherulites seem to be
composed of lamellae type crystal units rather
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than the branched fibrils formed in positive
spherulites.

(3) Nonbirefringent spherulites; These occur in
two temperature ranges. One is around 250° C, the
other is around 265° C. No evidence of any pre-
ferred orientation of the unit cells has been found
in these spherulites. It has been suggested [82]
that this type of spherulite results from a mixture
of positive and negative types.

(4) Spherulitic aggregates; Found with negative
spherulites but grow faster. They show evidence
that the crystallographic b-axis is parallel to the
radius although this orientation varies with
location. They are strongly birefringent.

Starkweather and Brooks [68] investigated the
effect of spherulites on the mechanical properties
of nylon 66. They found that spherulite size was
important in dry samples at low temperatures
(23° C) and becomes less important with increasing
moisture content and/or temperature. Dry samples
with smaller spherulites show higher flexural
modulus, a higher yield stress, and a lower ultimate
elongation than samples with larger spherulites. As
spherulite size decreases, the yield point increases
(Fig. 4). The yield points of spherulitic films are
substantially higher than those without visible
spherulites, independent of the crystallinity [67].

The rate of nylon crystallization depends partly
on composition, thermal history and the presence
of nucleating or plasticizing additives [42].
According to Kohan, the amide concentration and

SPHERULITE DIAMETER (xm)

30251510 7 5 4 325
T T

14 000

T T T 7T

YIELD POINT (psi)

20

Figure 4 Effect of spherulite size on the yield point:

compression-moulded films o; injection-moulded bars e.
N is the number of spherulite boundaries per millimeter.

(after Starkweather and Brooks [68]).
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molecular symmetry are important. For a given
class of nylons, the rate of crystallization will
typically rise with increasing amide concentration
at constant undercooling. At a given amide con-
centration the series with the highest degree of
symmetry (e.g., even—even) will have the highest
rate of crystallization. The more rapidly crystal-
lizing nylons are generally the higher melting.

An increase in either the melt temperature or
time in the melt will lower the crystallization rate.
The influence is on both the induction time for
crystallization and on subsequent growth rate.
This implies that the melt has a memory [42].

Added agents can effectively nucleate crystal-
lization rates and increase amounts. Such materials
are commonly (1) solid near the melting point of
the nylon, (2) finely divided, (3) do not agglom-
erate, and (4) provide polar surfaces capable of
adsorbing amide groups. Effective agents including
sodium phenylphosphinate, sodium isobutylphos-
phinate, magnesium oxide, mercuric bromide and
chloride, cadmium and lead acetate, and phenol-
phthalein as well as silver halides and fine silicas
and aluminas [84].

The infrared technique for identification of
chain-folds [72] indicates that folding in melt-
crystallized samples of nylon 66 is the same as in
single crystals prepared from solution. Samples
which are initially quenched to low crystallinity
show no regular folding, but regular folds are
formed on annealing. Additional infrared studies
[73] show that the regularity of chain-folding is
related to the type of spherulitic growth.

Moisture increases the rate of crystallization
due to a plasticizing action which increases chain
mobility [83], but in practice water is avoided be-
cause it leads to degradation and bubbles.

The change from dryness to water saturation
causes a fourfold decrease in modulus of oriented
nylon 66 in the machine direction at room tem-
perature (Fig. 5) while the principle mechanical
relaxation, the glass transition, is shifted down-
ward by about 70° C [71].

Moisture also has a large effect on the mor-
phology and thus the properties of polyamides. It
is believed [70] that only the disordered portions
of the polymer are accessible to water. This may
be due to strained, metastable, hydrogen bonds
present in the chain folds and other noncrystalline
regions which are disrupted and reformed in con-
junction with water molecules. Although nylon is
more dense than water, its density increases. as
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Figure 5 Tensile modulus of oriented nylon in the
machine direction. (after Starkweather [71]).

water is absorbed, up to about 2.5% [70]. This
again is apparently due to disruption of strained
hydrogen bonds which allows the hydrocarbon
chain units to pack more closely, thus decreasing
the volume. On the other hand, the water mol-
ecules could just be filling in intermolecular spaces
in the amorphous regions. An early review of the
sorption of water by polymers, including thermo-
dynamic theories, was written by McLaren and
Rowen [85]. They showed how both solution
theories and sorption theories are useful in pre-
dicting observed vapour pressure—water uptake
relationships.

In oriented nylons, water has less effect on pro-
perties in the transverse direction than in the
orientation direction. The hydrogen bonding takes
place in the transverse direction between chains.
One may, therefore, surmise that many of the
hydrogen bonds, presumably those in the more
ordered (crystalline) regions, are little affected by
the absorbed water.

One last aspect of nylon morphology is the
effect of high crystallization pressures. Gogolewski
and Pennings [86, 87] studied the crystallization
of nylon 6 from the melt under elevated pressures.
Although the effect of water content was not
systematically investigated, they noted no dif-
ference in high pressure crystallization behaviour
between samples exposed to laboratory humidity
and samples kept in a vacuum desiccator over
P,0;5. Some other results were: (1) caprolactam
(monomer) molecules stabilize the chain-folds and
therefore diminish the effect of pressure, (2) a
pressure of 5Kkbars is necessary for chain-extended

nylon 6 molecules to form (~ 3 kbars is sufficient
to form extended chain polyethylene), (3) the
melting point of nylon 6 crystallized for 320h at
315°C and 8kbars was 256° C (41° above chain-
folded nylon 6) and the authors believe it would
increase further if more caprolactam had been re-
moved from the system. A one-stage process for
the development of extended chain crystals of
nylon 6 was postulated from the results of these
investigations.

The process of solid-state deformation involves
a permanent conformational change of polymer
molecules as contrasted with the temporary trans-
lation of chains occurring in melt processing. This
change, in some cases, alters the basic unit cell
structure, and, in virtually all cases, significantly
alters the physical and mechanical properties of
the deformed polymer. For semicrystalline
polymers, the solid-state processing should take
place under conditions where the polymer crystals
will plastically deform without rupturing. This
usually means that the deforfnation will optimally
be done at or above the so-<alled o (crystal—
crystal) transition temperature at relatively slow
rates. The changes undergone by polymer crystals
and associated amorphous regions are described in
the following section.

3. Effects of deformation
3.1. Crystallinity
Fibre-forming polymers, as a rule, can be partially
crystallized. Most are initially partly crystalline
with the crystallinity being increased by defor-
mation. The increase depends on the shape and
arrangement of the macromolecules. Crystallites
mainly form due to intermolecular bonding origin-
ating from the mutual attraction forces among
macromolecule groups [88]. The magnitude of
these forces depends on the amount and strength
of the active groups, and the ability of such groups
to approach each other. The greater the forces
arising between the groups in neighbouring mol-
ecules, the more groups available, the more regular
their disposition along the chain, and the closer to
one another these macromolecules can get, the
stronger are the intermolecular bonds, resulting in
more facile polymer crystallization [88].
Orientation involves molecular arrangements in
both crystalline and in amorphous regions. The
higher the orientation, the more mutually parallel
are the molecules, and the smaller is the average
angle formed by them with the fibre axis. The
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process of axial orientation increases crystallinity
by both orienting the molecules and by bringing
them closer together, enabling crystallites to form
from formerly amorphous regions. As with poly-
ethylene {89, 92] a slight increase in crystallinity
with drawing is generally observed. In one case for
polyethylene [90], a decrease in crystallinity was
observed for annealed film at low draw ratios and
a subsequent increase on further drawing. The
initial decrease was reportedly due to two
phenomena: (1) the crystals of a fibre structure
exhibit larger paracrystalline disorder [91] and
(2) the decrease of long period, due to the de-
struction of spherulites preceding fibril formation,
increases the surface-to-volume ratio and hence re-
duces the density.

For nylon 6 [93], fibre crystallinity was shown
to increase 27% on drawing 375% (3.75 x).
Stretching took place in air at 50cmmin™ at
20°C and 60% r.h. A corresponding increase in
crystalline size (both parallel and perpendicular
to the drawing direction) was also noted. Upon
further stretching to 4.5 x, both percent crystal-
linity and crystallite size (in both directions)
diminished. This was reportedly due to the
emergence of high stresses at the greatest draw
ratios, causing the destruction of some crystallite
regions with imperfect or partially disturbed
lattices. Prevorsek and ‘Sharma [94] found that
the drawing of nylon 6 caused little effect on
crystallite size in the direction of orentation,
while the crystallite width decreased with draw.

3.2. Structural models

Prevorsek et al. [95, 96] proposed that drawn
nylon 6 is composed of microfibrils having dense
crystalline parts and less dense ‘“‘non-crystalline”
parts, surrounded by a matrix of intermediate
density. They further concluded that the micro-
fibrils slip past one another during stretching, on
the basis of three experimental facts [95]: (1) the
longitudinal structure of the microfibril (amor-
phous and crystalline lengths) remains essentially
unchanged, (2) the microfibril thinning exceeds
that of the fibre, (3) the spacing between the
microfibrils increases. The authors feel that in the
drawing process the microfibrils are sheared with
respect to each other and the matter removed
from the surfaces .of the microfibrils forms an
interfibrillar phase whose density is similar to the
average density of the microfibril. Consistent with

these results, a model was proposed [95] where
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Figure 6 Structural model of nylon 6 fibres (fibre axis
vertical). (after Prevorsek et al. {95]).

the microfibrils are embedded in a paracrystalline
matrix (Fig. 6). According to Prevorsek, this differs
from the model proposed by Peterlin [97—100]
and others [101—102] who worked mostly with
polyethylene, which assumes that the strongest
element of the fibre is the microfibril. This micro-
fibril consists of highly oriented folded chain
crystals which are connected by many tie-molecules
within the amorphous layers separating the crystals
(Fig. 7). These authors [97~102] attribute the in-
crease in fibre strength with increasing draw ratio
primarily to the increase in the number of tie-
molecules which allegedly increases the strength

Il

Figure 7 Microfibrillar model of fibre structure: inter-
fibrillar (A), intrafibrillar (B) tie molecule. (after Peterlin
[98]). :
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Prevorsek et al [95, 96], however, conclude
that the microfibril structure, and thus its strength,
remains essentially unchanged during drawing.
They feel that the increase in strength on drawing
must be attributed to the transformation of the
(weak) microfibrils into a strong, highly ordered,
noncrystalline intermicrofibrillar phase. Their
analysis of molecular-dependence of fibre strength
suggests that this intermicrofibrillar phase consists
of highly extended polymer chains [104], and
that this is responsible for fibre properties such as
“strength, modulus, and diffusion of small molecules
into the fibre. The relatively weak microfibrils are
thought to be mainly responsible for the di-
mensional stability of the fibre. This description is
known as the “Swiss Cheese” model [95].

Actually, the Peterlin and Prevorsek models are
quite similar since Peterlin also postulates that
some of the tie-molecules run laterally between
microfibrils and are subsequently extended as the
microfibrils initially slide past one another [100].
Therefore, the strength of his model derives from
these interfibrillar tie-molecules, as well as from
the intrafibrillar tie-molecules (see Fig. 7). Accord-
ing to Peterlin [89], the folded chains in the micro-
fibrils are responsible for the periodicity observed
from X-ray diffraction, while the partially extended
tie-molecules provide the strength. He proposes
[105] that the stress concentration on the tie-
molecules varies throughout the sample due to
length variations. Therefore, the most highly
strained chains become taut and fail long before
the sample breaks. As these strained chains rupture,
sample weakening proceeds until, finally, micro-
cracks develop and lead to final fracture of the
fibre. This microcrack phenomenon is indeed ob-
served during the tensile testing of many polymers
including both high-density polyethylene and
nylon 12 fibres studied in this laboratory.

The basis for the Peterlin model for poly-
ethylene is a twd-step deformation process [106] :
destruction of the original microspherulitic
structure and deformation of a new fibre structure.
Tilting and slipping of lamellae initiates the first
mechanism, and the resultant folded chain blocks
are incorporated into well aligned microfibrils
which are held together by tie-molecules. Although
destruction of the spherulitic morphology is nearly
completed at a draw ratio of about 10, tie-molecule
content increases up to a draw ratio of about 20
[107] due to a pulling out of molecules from the
folded chain blocks. Plots of modulus versus draw

ratio (DR) [107] show a steep increase in modulus
from DR : 10 to DR :20 supporting this contention.

Fracture of drawn semicrystalline polymers is
seen [108] as originating at point vacancy defects
caused by the ends of microfibrils incorporated
into the microfibrillar superlattice. Cracks then
propagate radially and axially from these defects.
Because axial crack growth involves the rupturing
of fewer tie-molecules, it is likely to be favoured,
causing the fibrous fracture surface commonly
seen in stress/strain curves of such materials [109].
Peterlin [110] postulates that sliding of the fibrils
during stretching does not affect the morphology
of the microfibrils but rather heals the afore-
mentioned point vacancy defects. This causes a
more perfect lateral contact between fibrils and
results in a steadily increasing resistance to plastic
deformation. He notes [109] that over long mol-
ecular distances, van der Waals forces will effec-
tively act to retard plastic deformation (once the
fibrous structure is formed) of microfibrils and
cause the observed strain hardening effect as well
as increase the elastic modulus and breaking stress
as the draw ratio increases. Peterlin [111] also
notes that the fracture surface of drawn nylon 6 is
not fibrillar and surmises that the lateral cohesion
of the microfibrils in polyamides, being much
stronger than in polyethylene, makes it easier for
the crack to grow radially than axially although
longitudinal microcracks are observed at high mag-
nification. Peterlin further proposes that necking
and post-neck deformation are separate processes
for polyamides. A two-stage drawing process is
indeed the method employed by Barham and
Keller [112] for producing highly drawn nylon 66
(and also by Clark and Scott for polyoxymethylene
[2]). Another aspect of polyamide deformation is
the important role of interfibrillar tie molecules,
formed by shear displacement of microfibrils,
which may have a greater effect on the mechanical
properties of the drawn structure than the
originally prevailing intrafibrillar tie molecules.
Finally, Peterlin [111] postulates that drawing of
polymers with a liquid crystal structure yields a
highly aligned fibrous structure with very few
chain folds and an exceptionally high tensile
modulus and strength. However, the small fraction
of axially oriented tie-molecules prevents the
modulus from approaching that of a perfect
crystal.

Takayanagi and Kajiyama [113] propose a
model for drawn, crystalline polymers wherein the
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dominant mechanism of deformation at lower
temperatures is the breakdown of lamellar crystals
into mosaic blocks. They propose that the «
relaxation in bulk crystallized polyethylene can be
separated into an a, absorption, associated with
shear deformation of lamellar crystals, and an a,
absorption, corresponding to molecular motions in
the region of intermosaic blocks. The latter is pre-
sumed to contain tie-molecules much as in the
Peterlin model. Also consistent with Peterlin
[106], Takayanagi and Kajiyama believe that the
mosaic blocks are not locally melted during defor-
mation. These authors also investigated the effect
of uniaxial compression on a highly-oriented solid-
state extrudate. Kink bands were visible and small-
angle X-ray scattering (SAXS) measurements indi-
cated a thinning of lamellae crystals, caused by
tilting (o, mechanism), in the kink bands. By
using wide-angle X-ray scattering (WAXS) to cor-
relate the tilting of molecular chains in the crystal
and the alignment of crystallites in the ripple,* the
authors concluded that the deformation was
achieved by both the a; and @, mechanism. They
further postulate that the relative contribution of
the @, or a, mechanisms to the total deformation
depends on temperature.

Another model considers essentially complete
crystallization but with many vacancies and dis-
locations within the lattice. This model was pro-
posed for nylons 66 and 610 in an early work by
Zaukelies [114] . The theory was based on obser-
vations of crystallographic kinking on compression
of nylon samples. Such kinking allegedly involves
crystalline slip. This slip is seen as beginning at
screw and edge dislocations as well as at vacancies
resulting from chain ends and chain folds within
the (paracrystalline) lattice. Zaukelies supported
this theory with density, WAXS, and diffusion
phenomena. This general idea of paracrystalline
structure for semicrystalline polymers has been
detailed and supported by Hosemann in a lengthy
review [115], with his original ideas published in
1950 [116]. Hosemann envisions a paracrystalline
superstructure incorporating aspects of both the
fringed micelle and folded chain theories. Kinks,
jogs, caterpillars, and other specific conformations
which are found in polyethylene [117—119] are
seen as distorting the crystal lattice and breaking
down long range order. Behaviour of polyethylene
subjected to irradiation, nitric acid etching,

annealing, and stretching, as well as X-ray dif-
fraction and NMR have been offered in support of
the theory.

Point ez al. [120] investigated the effects of
rolling deformation on nylon 11 by SAXS and
WAXS. They concluded that the deformation of
both superlattice and subcell can be accounted for
by a sliding displacement along consecutive hydro-
gen bonded planes. They postulate a model where-
in the sample consists of parallel arrays of crystal-
line and amorphous layers which are thought to
deform equally, while the number of lamellae in a
stack remains constant.

Deformation by rolling of nylon 11 was also
carried out by Gezovich and Geil [121], who
found that the chain axes gradually tilt toward the
rolling direction. As deformation increased, WAXS
reflections broaden indicating a partial breakup of
crystallites. Thus, the state of nylon 11 at high de-
formations was shown to be many small crystal-
lites with a high degree of orientation.

A review by Bowden and Young [122] encom-
passes the broad array of crystalline polymer de-
formation processes occurring at modest strains.
These authors note that polymer crystals can de-
form plastically by slip, twinning, and by marten-
sitic (shear) transformations, and that slip produces
the largest plastic strains. They show that slip in
the chain direction can be either “fine””, where the
crystal surface normal rotates with respect to the
chain direction, or “‘coarse” (interfibrillar) slip
where the crystal surface normal remains parallel
to the chain axis and lamellae are sheared with
respect to one another, see Fig. 8. Two other
modes of polymer crystal deformation recounted
are transverse slip and twinning. Transverse slip in-
volves the sliding of molecules over each other per-
pendicular to the molecular axis. Twinning is a ro-
tation of the crystal lattice (to a greater extent
than by slip) and commonly occurs in polyethylene
deformation and to a lesser extent in the nylons.
The authors [122] also review deformations of the
amorphous phase of semicrystalline polymers.
Three important modes are listed as:

(1) Interlamellar slip, where lamellar crystals
are sheared parallel to each other with the amor-
phous phase undergoing shear.

(2) Interlamellar separation, involving a
streiching of the amorphous phase between
lamellae, and

*A lamellar laminate indicating crystallite alignment; essentially parallel to the edge of the kink band.
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Figure 8 Schematic diagrams of crystal slip. (a) Fine slip; A displacement of one lattice vector has occurred on every
other lattice plane in the crystal. (b) Coarse slip; The same total shear has been produced by a displacement of two
lattice vectors on every fourth plane. The direction n is the normal to the surface of the crystal which has rotated
relative to the chain axis ¢ during deformation. (after Bowden and Young [122]).

(3) Stack rotation, which assumes that lamellae
are free to rotate under stresses and are surrounded
by amorphous material which distorts under defor-
mation.

Keller and coworkers [123] have developed a
structural model based on their observations of
self-hardening of linear polyethylene fibres. They
found that highly drawn samples, held at fixed
length, relax at elevated temperatures with a con-
comitant decrease in modulus. However, when
held for long times at room temperature, the
modulus (and density) increased substantially. The
authors propose a model wherein needle crystals
are aligned in an amorphous matrix. During
heating, stressed tie-molecules detach from the
needle crystals and subsequently recrystallize in
the usual chain-folded manner. However, the
fibrous (needle) crystals determine their (folded
chain crystals) orientation analogously to shish-
kebab and row-nucleated structures. This model
explains the observed drop in modulus, the per-
sistence of X-ray orientations, the increase in
lamellar content, and the absence of large con-
tractions in subsequent reheating of these “‘aged”
fibres. The self-hardening is explained in their
model by a stiffening of the matrix [123].

3.3. Spherulitic deformation
In order to fully investigate the effects of solid-
state deformation on semicrystalline polymers,

one must examine what happens to the spherulitic
structure during deformation. Hay and Keller
[124] published a lengthy review of spherulitic de-
formation, using polarized light microscopy, X-ray
diffraction, and electron microscopy and using
high-density polyethylene film as starting material.
They noted two types of spherulitic deformation
during tensile drawing; homogeneous and inhom-
ogeneous. In homogeneous deformation, all parts
of a given spherulite extend simultaneously and in
proportion while in inhomogeneous deformation,
the spherulites and/or regions between them, yield
selectively in areas that draw out fully, the rest of
the microstructure remaining unaltered. Further
stretching occurs by the drawn-out regions
spreading at the expense of unaltered regions.
Most observed cases, they submit, are intermediate
between the two types. These authors [124] also
note that often the deformation within a spherulite
is greater than that in the material between spheru-
lites, reflecting a weakness within the spherulites
themselves. Some other observations were: (1) The
formation of cracks parallel to the draw direction,
with the resulting fibril widths corresponding to
the deformed spherulite widths. (2) That spheru-
lite deformations are not affine. (3) That crystal-
lite and spherulite deformation are related but not
simply. (4) The greater the deformation, the
greater the c-axis alignment, and (5) chain-folding
occurs even in highly drawn structures [124].
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Many other authors {125-131] have studied the
deformation of spherulites in terms of the micro-
structure. Among these, Stein, in particular, has
pioneered in the development of experimental
methods [132-136]. Working mostly with low
density polyethylene, he has found {137] that,
although the overall spherulite length on stretching
may parallel the change in sample dimensions, the
microdeformation may not. Often, the spherulite
is found to deform more near its equator than else-
where {124, 138]. This gives rise to a density de-
pletion in this part of the spherulite, possibly
associated with the formation and propagation of

microvoids between separating lamellae [137].

Such deformation processes are also rate depen-
dent, i.e. a finite time is required for crystal orien-
tational changes. Thus, if a polymer is stretched at
a high rate, so that crystal orientation lags behind
strain, large strains will concentrate on inter-
crystalline tie-chains, and tend to make the
polymer brittle. However, if the polymer is
stretched stowly, the strain will be more evenly
distributed over the sample, due to conformational
changes, which then may deform in a more ductile
manner. The rate of structural response and the
resulting mechanical properties depend upon the
size, perfection, and organization of the crystalhne
and amorphous regions [137].

Samuels has also performed numerous investi-
gations of spherulite deformation [139]. Working
mostly with isotactic polypropylene, he used small-
anglé light scattering (SALS) to follow spherulite
deformation and orientation [140, 141]. Isotropic
light scattering equations were extended to include
the anisotropy of polarizability and the change in
shape of the spherulite deformed under uniaxial
tension [140]. By relating the molecular orien-
tation of the crystalline region (the crystalline
orientation function, f,,) to the gross sample defor-
mation, the spherulites were shown to be deformed
affinely [140]. In addition, quantitative infos-
mation about the size of the original, undeformed
spherulites and the deformed spherulites, was
gained by SALS. Results from spherulitic isotactic
polypropylene films drawn at 110° C may be sum-
marized [139]: (1) all films contained negatively
birefringent spherulites with the g-axis of the
lamellae parallel to the radial direction, (2) along
the radii aligned parallel to the extension direction,
disruption and realignment of the lamellae occur
in the inner regions of the spherulite whereas little
or no change occurs in the outer regions, (3) the
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lamellae aligned along radii in the region of the
spherulite transverse to the deformation direction
undergo two processes: (a) lamellar slip leading to
c-axis orientation, and (b) separation of lamellae.
This increasing c-axis orientation continues until
the lamellae become fully aligned, at which point
crystal cleavage begins. In this highly extended
state, the substructure is no longer spherulitic but
fibrillar. To accommodate further extension, the
lamellae cleave and break off in blocks and the
helical axis of the noncrystalline molecules be-
comes more oriented in the deformation direction
[139]. Similar films drawn at 135° C behave in a
like manner, except that the lamellae are larger,
more perfect, and thus less deformable, and the
noncrystalline molecules are more mobile. This
leads to diminished internal disruption within the
spherulite during extension, since relaxation pro-
cesses occurring within the noncrystalline region
result in deformation processes that are non-
orienting in character [139].

Other investigations involving isotactic poly-
propylene fibres and poly(ethylene terephthalate)
yarns are detailed in [139].

The spherulitic deformation of nylon 66 has
been investigated by Crystal and Hanson [142]
using optical microscopy, electron microscopy,
and small-angle X-ray sca#tering. They found that
spherulites elongated into football shapes along
the draw direction when drawn 4 x. This indicates
that spherulite deformation is symmetric about a
central axis parallel to the draw direction. Sample
density also decreased upon cold drawing. This is
consistent with Stein’s contention [137] that
microvoids are formed by non-uniform spherulitic
deformation. The fibrils of impinging spherulites
run together and intertwined over a width of 0.5
to 0.8 um, forming a diffuse boundary containing
fibrils from multiple spherulites. The spherulite
elongation was less than } the sample elongation,
indicating that the spherulites slipped with respect
to each other, and the fibrils parallel to the draw
apparently became thinner, while those perpen-
dicular to the draw became thicker. Fibrils at
intermediate orientations were bent toward the
draw direction.

A study of the deformation of nylon 6 spheru-
lites under uniaxial stretching was done by Matsuo
et al. [143]. X-ray diffraction and SALS were
used. The model proposed was similar to that for
the deformation of low density polyethylene
[144]. The spherulitic deformation is accepted as



occurring in two steps: ‘“‘instantaneous” defor-
mation of the spherulite, associated with orien-
tation of lamellar axes and untwisting of crystal
lamellae, and reorientation of crystallites within the
oriented lamellae after a time-ag, as shown by
Stein and co-workers. The authors [144] propose
a model wherein the uniaxial deformation of
polyethylene spherulites is discussed on the basis
of an orientation distribution function of crystal-
lites within the crystal lamellae, taken to be a
function of lamella orientation. Eight parameters
are listed for describing four different types of
crystallite orientation within the lamellae. Three
parameters are believed sufficient, in principle, to
describe spherulite deformation. These parameters
are related to: (1) the transition in crystal orien-
tation from (a) b-axis, oriented parallel to lamella
axis, to (b) rotation of the crystallite around its
own g-axis, and to (c) unfolding of folded chain
crystals, (2) the fraction of crystallites that have
random orientation within the lamellae, and (3)
the fraction of crystallites that have orientation
from unfolding rather than from rotation about
.the a-axis. With regard to nylon 6 spherulitic
deformation, Matsuo et al. [143] list eleven
parameters; the five most important describe the
reorientation of nylon 6 crystallites within the
orienting lamellae in such fashion that their
molecular b-axes orient in the stretching direction.
Problems arose on calculating molecular polariz-
ability of the surrounding medium in which the
crystallite scattering elements are embedded,
because of a considerable contribution from
hydrogen bonds.

Haas and MacRae studied biaxial deformation
of high-density polyethylene [145] and poly-1-
butene [146] films and observed that fracture in-
itiated at the spherulite centres whereas defor-
mation was localized at both the spherulite centres
and at the boundary intersections. They surmised
that the individual lamellae in the spherulites were
under radial tension with this mode of defor-
mation, and, because of “branching” of lamellae,
there are fewer lamellae available to carry the
force approaching the spherulite centre, thereby
resulting in a stress concentration at the nucleus.
This phenomenon was observed in both poly-
ethylene and poly-1-butene, although the latter
was observed to deform affinely, while the former
deformed locally, i.e. “necked”. Such behaviour
was attributed to possibly more intercrystalline
links in poly-l-butene. When spherulitic films were

crystallized with large amounts of rejected material
or large voids along the (spherulitic) boundaries,
cracks formed and propagated from these areas.

Subsequently, OIf and Peterlin [147] investi-
gated the crazing of smectic and monoclinic poly-
propylene at liquid-nitrogen temperatures. They
noted that the crazes induced in the smectic poly-
propylene were similar to those found in glassy
amorphous polymers and concluded that the small
spherulites had no influence on craze propagation,
either due to their small size or to highly disordered
crystals. In monoclinic polypropylene, crazing
occurred along spherulite diameters roughly trans-
verse in the stress direction. The crazes run be-
tween stacked lamellae, possibly because of a
separation along the amorphous surface layers be-
tween successive lamellae [147]. The presence of
a condensed gas plasticized the amorphous
material, reducing the work needed for formation
of new surface and facilitating craze nucleation
and propagation.

3.4. Amorphous orientation

Another question concerning the deformation of
semi-crystalline polymers is whether or not the
amorphous regions become oriented. From the
fringed micelle theory, it has been concluded that
these regions would have to be aligned in the draw
direction much as the crystals [88] but when
chain-folding is considered, the problem becomes
more complex, and above the glass transition tem-
perature 7, segmental motion could dissipate
amorphous orientation. Still, it is hard to imagine
complete amorphous disorientation, when crystal-
lites are known to be highly oriented; on the other
hand, total amorphous orientation is also hard to
envision, when one considers chain-folds and un-
stretched tie-molecules as part of the amorphous
contribution. Amorphous orientation has been
found in drawn polyethylene by polarized infrared
spectroscopy [148] . This orientation is said to in-
crease the content of the lower energy frans con-
formations and facilitate a better chain-packing
which increases the density [149]. Chappel [150]
studied crystalline and amorphous orientation in
nylon 66 fibres by means of dichroism and bire-
fringence. He found that the orientation of crystal-
line regions exceeded that of the amorphous
regions at all stages of drawing and most noticeably
in the early stages. Stein and Norris [151] also
found this to be true with polyethylene, and found
that at high extension ratios amorphous orientation
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reached a limit. Chappel, on the other hand, found
that the amorphous orientation in nylon 66
showed no sign of reaching a limit up to the maxi-
mum extension realizable, although the rate of in-
crease with extension ratio did decrease slightly at
the highest extensions [150]. This is shown in Fig.
9 where f, and f, are the orientation functions of
the amorphous and crystalline regions and £, is the
birefringence orientation factor; Cis a constant in-
cluding the dichroic ratio of a perfectly oriented
filament.

Samuels [139] used birefringence and sonic
modulus techniques to measure amorphous orien-
tation of stretched isotactic polypropylene films.
They found that the amorphous orientation
function, fm , increased up to the highest extension
investigated of 800%. He also found that’tenacity
and modulus correlate well with the amorphous
orientation. Data indicated that shrinkage, as re-
laxation of noncrystalline chains, occurred via a
common mechanism for all semicrystalline
polymers below the melting point.

Nylon 610 has been cold-extruded by Yemni
and Boyd [152]. They measured dielectric relax-
ation of both oriented and unoriented specimens
in order to determine amorphous orientation.
They found, with oriented specimens, that the
intensity of the parallel dielectric loss factor was
neasly zero, but the perpendicular loss was also re-
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duced compared to the unoriented nylon 610. The
other relaxation parameters (loss width and
location) were nearly unaffected. They surmize
that since the amide dipole is nearly perpendicular
to the chain axis, orientation of the amorphous
domains would result in very low loss in the
parallel direction, while the perpendicular loss
should be greater than. in the unoriented case.
However, because the dipole directions alternate in
the extended conformation, a considerable degree
of chain-alignment parallel to the draw direction
would cause the observed decrease in the perpen-
dicular loss [152]. These results are attributed to
considerable amorphous phase orientation. Bire-
fringence studies on isostatic polypropylene [153]
and polyethylene [134] have also shown orien-
tation of the amorphous component.

Peterlin [108] has shown that annealing of
highly drawn crystalline polymers heals crystal de-
fects but reduces drastically the number of tie-
molecules. As a consequence of the loss of taut tie-
molecules, the amorphous orientation disappears
to the same extent as does the microfibrillar
structure.

In summary, from the aforementioned studies
it appears that the amorphous regions of drawn
semicrystalline polymers are at least partially
oriented. However, the extent of amorphous
orientation and its relation to the extent of draw
varies among polymers as may be expected. Likely
variables include composition, molecular weight,
temperature, original morphology preparation con-
ditions, and extent of draw and annealing.

3.5. Annealing

Post-drawing annealing is a prime variable. On
annealing cold-drawn polyethylene at or above
118° C, rapid relaxation occurs, manifesting itself
in a long period increase for the crystal lameliae,
an increase in density (crystallinity), and an in-
crease in the heat content of the amorphous com-
ponent to the value of completely relaxed chains
[89]. Peterlin asserts this is all due to an entropic
restoring force acting on strained uncrystallized
tie-molecules which are given mobility by the high
temperature. In the case of long period growth,
the driving force is said to be the reduction of
surface energy which reduces the crystal surface-
to-volume ratio [21, 154]. Relaxation of tie-
molecules increases the intramolecular (changes
from trans to gauche conformations) and inter-
molecular energy [89]. In summary, Peterlin sug-
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gests that annealing smoothes out the fold-surfaces,
heals crystal defects, and relaxes the highly strained
tie-molecules. This is consistent with the increase
in small-angle scattering intensity [155] due to an
increase in density difference between lamellae
and the (amorphous) intermediate regions.

Dismore and Statton [156] investigated the
effects of annealing on oriented nylon 66 fibres
using X-ray diffraction, MNR, density measure-
ments, and tensile testing. Their results show that
on heating to 160 to 255° C under zero tension,
some of the molecules change from elongated to
folded conformation. They also noted, on heating
below the melting point, an increase in percent
crystallinity and a larger proportion of fluid-like
segments. They attribute the latter to an increase
in defect concentration with annealing. Sonic
modulus also decreased with annealing tempera-
ture from 160 to 250° C, as shown in Fig. 10. The
increased mobility may be attributed to disorien-
tation of the amorphous phase. Annealing did not
appreciably reduce crystal orientation but did
lower the strength (Fig. 11) and elongation to
break, likely due to fewer tie-molecules carrying
the load [156]. Unmelted, albeit annealed, inter-
molecular bonds appeared to prevent overall
crystal deorientation.

Another study of annealing effects of drawn
nylon 66 was performed by Beresford and Beven
[157]. They investigated the consequences of
annealing by wide- and small-angle X-ray dif-
fraction. Consistent with others [155, 156, 158],
they noted increases in both long period and small-
angle scattering intensity. As a result of their ob-
servations, a model for the structure of drawn
polyamide fibres was proposed which consists of

chain-folded molecules aggregated into ordered
states which vary between the exiremes of discrete
lamellar regions with a few tie-molecules and
regions in which the molecules are so irregularly
folded and arranged that individual lamellae are no
longer distinguishable [157], (see Fig. 12).

Mead and Porter [159] studied the effects of
annealing on a highly-oriented linear polyethylene
morphology containing ~15% extended chains
[160]. They found that annealing between 126
and 132°C split the melting endotherm into two
peaks at 132 and 139°C, the latter was the
melting point of the unannealed (fibre) sample,
while the former (132°C) was the melting tem-
perature of the unoriented starting material. This
and other results were consistent with the thermal
instability associated with the anisotropy of the
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Figure 11 Change of breaking strength with temperature

of three month old samples of nylon 66 (after Dismore
and Statton [156]).

2371



I S
9(;A ‘

Tie
Molecule

30°-4Q°

{a}

il

Figure 12 (a) Model comprising folded chains having well defined lamellar regions. (b) Arrangement of folded sheets
which do not give low-angle reflections. (after Beresford and Bevan [157]).

surface free energies of their highly-oriented
crystalline fibres of HDPE.

3.6. Mechanical properties

The effect of drawing on the dynamic mechanical
properties of nylon 66 has been investigated by
several authors [161—164]. Dumbleton and
Murayama [104] found several interesting results.
They noted that the tensile storage modulus (")
curves for samples parallel and perpendicular to
the stretch direction (drawn 3 x) do not cross
(with E' parallel always greater than E' perpen-
dicular) in agreement with the work of Takayanagi
et al. [165] on cold-drawn polypropylene and
polyethylene (Fig. 13). The latter curves were
found to cross when the (PE and PP) samples were
annealed (Fig. 14). At a draw ratio of 4.5,
Dumbleton and Murayama discovered that the
nylon 66 curves do cross. They attribute this to
annealing during drawing. These authors also
noted other effects: (1) The crossing of the E’
curves, for suitably treated samples, may be taken
as evidence that the a transition* corresponds to
the glass transition in nylon 66. (2) As the draw
ratio increases, E' increases and the maximum in
E" (loss modulus) occurs at higher temperatures.
The latter is usually indicative of increased crystal-
linity and/or a more closely packed morphology
{162]. (3) There was no effect of annealing on the
temperature of & up to the maximum temperature
studied of 240° C. These authors [161] conclude
that nylon 66 is probably a paracrystalline structure
and that the a transition (T,) may be a multiple
transition.. :

Murayama and Silverman [162] studied the
effects of molecular weight on the dynamic
mechanical properties of nylon 66 film and fibre.
They found that the & transition (glass transition)
moved to higher temperatures (88 to 120° C) with
increasing viscosity-average molecular weight (M)
from 45000 to 120000 for the film, and a shift
from 110 to 123° C with an increase in M, from
35000 to 52000 for the fibre. These authors con-
cede that the a peak of high molecular weight
nylon 66 may be affected by formation of ad-
ditional interlamellar connections, as pointed out
by Mivagi and Wunderlich {166].

Polyethylene

[} -

LOG E',E" {Dynes cmi?)
W

@0

N { ) 1

1
-80 0 80
TEMPERATURE ()

1

1
-160

Figure 13 Temperature dependence of E' and E” along
and perpendicular to the drawing direction for the cold-
drawn samples of linear polyethylene at 110cyclesec™ .
(after Takayanagi et al. [165]).

*This a transiﬁon for'nylon 66 is the glass transitién, not to be confused with the (crystalline) « transition generally

associated with semicrystalline polymers.
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and perpendicular to the drawing direction for the
annealed samples of polyethylene at 110cyclesec™!.
(after Takayanagi et al. [165]).

3.7 Polymorphism
Many cases of polymorphic transformations during
polyethylene deformation have been reported
[167—174]. Seto et al. [167] first cold drew then
laterally compressed samples of high density poly-
ethylene and noticed changes in texture of both
the orthorhombic and monoclinic crystals formed.
They attribute the textural changes to three
possible deformations: (1) twinning and slip of
crystal planes, (2) phase transformation (ortho-
thombic to monoclinic), and (3) slip at the grain
boundaries (crystallite boundaries). Earlier investi-
gations had revealed stress-induced transformations
from an orthothombic to a pseudohexagonal
[168], triclinic [169, 170] or monoclinic [171]
unit cell. Kiho ef al. [171] reported that either
twinning or a phase transformation occurs as a
function- of stretching. These authors also noted
that the monoclinic X-ray reflections disappeared
when deformed single crystals were allowed to
relax [175]. They further showed that the mono-
clinic cell is unstable above 110°C [176]. In
agreement, Seto et gl. [167] found that the mono-
clinic form either reverted to the orthorhombic
form, or twinned, or underwent both processes
upon removal of the compressive stress. They at-
tributed this to restoring forces caused by
elastically-distorted amorphous regions between
crystallites.

More recent results {173, 174] present an in-
depth discussion of twinning and phase trans-
formation modes in crystalline polyethylene and

martensitic transformation to the monoclinic cell
results from simple shear deformation of the
orthorhombic cell. Young and Bowden [173] de-
formed oriented high-density polyethylene by
shear perpendicular to the chain direction and
examined the results-by -WAXS.- They concluded -
that (1) the initial orientation relationship between
the monoclinic and orthorhombic forms of poly-
ethylene corresponds closely to the Tl, martensitic
transformation mode of Bevis and Crellin [174],
(2) the orientation of the monoclinic cell may
change by slip during deformation or by twinning,
on unloading (as did Seto et al. [167], (3) during
a general deformation both [001] slip and the
martensitic transformation should be activated,
(4) (100) [010] transverse slip takes place when
(100) is oriented at about 45° to the compression
direction, and (5) (1 1 0) twinning is observed both
during deformation and on unloading specimens.
No evidence for (310) twinning was found.

Some studies have been made of the effect of
drawing on polymorphic (crystal—crystal) tran-
sitions in nylon 6 [48, 158, 177]. Miyasaka and
Makishima [177] treated nylon 6 multifilament
yarns with aqueous iodine. In agreement with
Bradbury [46], the new crystal structure was
found by X-ray to be approximately the hexagonal
v-phase. The <vy-phase is known to be stable to
thermal (annealing) treatment [41]. When the
treated sample was stressed in the chain direction
> 3.5 x 10° kgem?, a crystal reversion was found
to occur (back) to the a-phase. This a-phase re-
mains unchanged when heated for one minute at
100° C in water without tension.

In the +y-phase the chains are twisted about
amide groups. When stretched, they assume the
planar zigzag conformation characteristic of the a-
phase. For hydrogen bonding to be complete in
this new form (a), the adjacent chains must be
antiparallel, as proposed by Arimoto [47],
Bradbury [46], and Holmes et al. [178)] (Fig. 15).

Sakaoku et al. [158] found that nylon 6 fibres
drawn greater than 4 x and nylon 6 fibres annealed
at 215° C, originally in the B-phase, were converted
in large part to the a-phase. Such an effect had
been noted previously [179, 180]. These a-phase
crystals are shown to be more stable and increase
their long period less on annealing [158].

In somewhat related work, changes in the
hydrogen bonded structure of nylons above and
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Figure 15 All hydrogen bonds made perfectly by inverting
alternate chains. (after Holmes et al. [178]).

below T, were investigated. Northolt [252],
working with quenched nylon 11 film drawn 4 x,
found biaxial orientation with samples drawn
below the glass transition temperature (60° C)
while uniaxial orientation prevailed when drawing
took place above T,. Identical behaviour was
found with nylon 66, while only uniaxial orien-
tation of crystallites was observed when nylon 12
was drawn at temperatures both below and above
T, (42° C). Northolt attributed the orientation be-
haviour to the nature of the hydrogen bonding in
nylons 11, 12, and 66. Based on an idea by
Gordon [253] that the glass transition in nylons
is caused by disruption of hydrogen bonds in
amorphous regions, Northolt postulates that for
nylon 11 and nylon 66, the two dimensional
(010) hydrogen bonded sheets produce biaxial
orientation below Ty, while disruption of these
sheets above T results in uniaxial crystallite orien-
tation. In the case of nylon 12, a three-dimensional
hydrogen bonded network, resulting from a hex-
agonal unit cell, and leading to a uniaxial orien-
tation at all drawing temperatures, is said to exist
[252].

8000 -

6000
—~le,

4000

STRESS

2000

Figure 16 A schematic stress—strain curve.
(after Nielsen [182]).
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4. Deformation processes

Three basic solid-state deformation processes have
been used to achieve polymers of extreme
modulus and tensile strength. These are cold
drawing, cold extrusion and hydrostatic extrusion.
The methods are interrelated with each having its
distinct features.

4.1. Cold-drawing

Cold-drawing is a process that has been widely em-
ployed with both crystalline and amorphous
polymers. It is characterized by load—elongation
curves having three distinct regions, as shown in
Fig. 16. The stress first rises, almost linearly, as the
specimén is stretched. Next, the curve dips as a
neck forms in the sample and consequently the
stress falls at first, then is nearly constant and the
neck propagates as stretching is continued. The
length of necked-down (smaller diameter) region
thus moves along the specimen until it is all drawn.
At that stage, there is a marked increase in the
stress on further extension, i.e., modulus increases,
because the molecules aligned on necking, resist
further elongation. Thus, during cold-drawing,
there is a strain-hardening process that comes
about as a result of the orientation of the mol-
ecules as part of the necking process. This orien-
tation strain-hardening process increases the
strength in the stretching direction many fold, and
is responsible for the usefulness of commercial
synthetic fibres which are commonly cold-drawn
continuously during manufacture [184].

The “natural draw ratio” is the ratio of the
length of a cold-drawn segment to the original un-
drawn length. It may also be defined as the
smallest uniform draw ratio which can be given to
a fibre or a film when it is oriented by cold-
drawing rather than by uniform extension [181].
The natural draw ratio for a given polymer is
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affected by experimental conditions [182] and
polymer molecular weight [183]. For amorphous
polymers, cold drawing occurs most readily just
below the glass transition temperature, T,. For
semicrystalline polymers, cold-drawing may take
place from below T, up to near the melting point
[181]. Other phenomena can occur at tempera-
tures lower and higher than the cold-drawing range
[181]. Such deformations, however, do not result
in the same extent of molecular orientation as ob-
tainable by cold-drawing. ;

The principles of cold-drawing have been dis-
cussed by many authors [185—191]}, not all of
whom agree with each other. However, the basic
facts seem to be that a non-uniformity (with
regard to mechanical response) develops in the
specimen under tensile stress, possibly due to a
region of smaller cross-sectional area or because of
stress concentrations [190]. The resultant local in-
crease in stress causes an increase, in strain, which
results in a thinning at that point. Eventually the
system becomes unstable, and a neck is formed.
The edges of the neck deform rapidly, producing a
local heating and temperature rise, and the neck
thus propagates while the rest of the specimen
resists deformation [191]. The local heating, i.e.
strain-softening in the shoulders of the neck, leads
to material in the neck zone becoming much
stronger and stiffer in tension.

Under ideal conditions for a particular polymer,
high draw can be achieved, resulting in polymers
of high moduli and tensile strengths. Among
investigators who have realized such properties are
Ward [183, 192195, 211], Clark [2], and Keller
[196], each with coworkers. Andrews and Ward
[192] tested a number of processing parameters in
drawing tests on a high-density polyethylene. They
found that the yield stress appeared to be a linearly
increasing function with the logarithm of strain
rate while the drawing stress, after initially in-
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Figure 17 The effect of strain rate on the yield stress and
drawing stress. (after Andrews and Ward [192]).

creasing at about the same rate as the yield stress,
subsequently dropped off (Fig. 17). The natural
draw ratio was found to be independent of strain
rate up to about 5 x 10™%sec™?, above which it
increased rapidly. The authors attribute the in-
crease to strain softening at the shoulders of the
neck, due to adiabatic heating at higher strain
rates. The natural draw ratio was only slightly
affected by temperature, decreasing slightly up to
100° C possibly due to annealing, then increasing
as the drawing temperature was raised further. The
increase was attributed to melting of low molecular
weight material, leading to nonhomogeneous
deformation on drawing. The maximum natural
draw ratio achieved in these studies was 15. Other
conclusions of this work [192], were (1) the
natural draw ratio decreases with increasing weight-
average molecular weight, and (2) Young’s
modulus increase monotonically with increasing
natural draw ratio. Higher molecular weights pre-
sumably provide a greater number of interlamellar-
tie molecules [213] which impede crystal orien-
tation, causing a lower natural draw ratio and sub-
sequent lower Young’s modulus; that is, a greater
concentration of interlamellar ties supposedly in-
creases the rate of strain hardening. Vincent [190]
has shown that there is a lower limit of molecular
weight for cold-drawing, oelow which there is in-
sufficient strain hardening to stabilize the neck.

Capaccio and Ward [183, 193—195] have re-
ported on the attainment of draw ratios to approxi-
mately 40. One study [194] concentrated on the
preparation of the initial morphology. It was con-
cluded that the sample component of highest mol-
ecular weight determines the highest tensile
modulus attainable. The authors also proposed
that molecular weight-dependent parameters such
as the extent of crystal nucleation, crystal growth,
and segregation of low molecular weight material,
influence the initial morphology and thus the sub-
sequent drawing. The maximum tensile modulus
attained in this study was 69 GPa, measured at a
draw ratio of 30 [194].

A further result by these authors [183] sup-
ported their contention that variations in the high
molecular weight tail in the molecular weight
distributions for their test polyethylene was likely
the dominant feature influencing draw. Here they
reported a strength greater than 0.35GPa and a
low elongation to break, ~ 3%. Capaccio and Ward
[195] found that the yield stress increases with
the crystallinity of the starting high density poly-
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ethylene at constant molecular weight. The yield
stress also increases with molecular weight at con-
stant temperature. They concluded that the longer
molecules in the distribution can form a network
superstructure due to physical crosslinking by
molecular entanglements. They further state that
high values of M, and crystallization under con-
ditions where there are many tie-molecules linking
the crystalline domains, both affect the morphology
in a similar manner and reduce the maximum
- attainable ‘draw ratio (and subsequernily the
modulus) achieved under standard conditions of
draw.

Clark and Scott [2] carried out cold-drawing
experiments on polyoxymethylene up to a draw
ratio of about 20. This was achieved by a two-step
drawing process at elevated temperature. During
the first stage, the polymer was drawn to its
natural draw ratio of about 7. The second step in-
volved subsequent drawing at a very slow rate to a
draw ratio of about 20. The mechanical properties
of the resultant material (tensile strength: 1.7 GPa,
Young’s modulus: 35 GPa) exceeded prior values
for this polymer {2]. A model was proposed
where the chain-folds act as isolated units, existing
as defects in a continuous crystal matrix as shown
in Fig. 18. Thus, the authors claim, while chain-
folds may be regions of weakness, the weakness is
not magnified by aggregation of these defects into
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a chain-folded surface to create a mechanism for
stress crack propagation, reducing the ability to
draw.

Barham and Keller [196] have drawn single
crystal mats and spherulitic sheets of polyethylene.
They concluded that a component of low mol-
ecular weight was necessary to achieve high draw
ratios. High temperatures (75°C) of drawing
and slow crystallization of the starting material
were also seen as important requirements for
attaining high draw. They further noted that
pulling out of chain-folds in the drawn fibre can-
not be complete because they found a contraction
on heating close to the melting point [197], a
phenomenon not observed in crystals actually
formed from pre-extended chains by primary
crystallization. They believe that the folds re-
maining in drawn fibres are responsible for locked-
in stresses.

Other workers have obtained high strength
polypropylene [198, 199] fibres by cold-drawing,
and also polyoxymethylene, nylon 6 and poly
(vinyl alcohot) [200] .

4.2. Cold extrusion

Cold extrusion is a relatively recent development
[1, 201—-206]. The polymer process is analogous
to that used in obtaining profiles from ductile
metals [207]. The process consists of forcing a
solid plug of polymer, commonly by high pressure,
through a die having a tapered entrance region
[208] . This is shown schematically in Fig. 19. The
resulting reduction ratio in cross-sectional area
(plug to extrudate) is variously known as extrusion
ratio, deformation, ratio, draw ratio, or degree of
processing. The process imparts an elongational
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Figure 18 Model of continuous crystal matrix with chain- Figure 19 Schematic of solid state ram extrusion

fold defects. (after Clark and Scott [2}).
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deformation to polymer molecules [214] which
results in remarkable physical and tensile pro-
perties [92, 204, 205, 209—212] . This solid-state
extrusion process has been applied to high density
polyethylene [1, 201206, 208, 212, 222}, low
density polyethylene [212], polypropylene [1,
212, 215, 222}, nylon 66 [206, 212], nylon 6
[213, 215, 222], and also poly(phenyleneoxide),
polyoxymethylene, polytetrafluoroethylene, and
poly(vinyl chloride) [212]. Recently, nylons 11
and 12 have also been solid-state extruded, in this
laboratory.

The success of this process depends on the
deformation taking place under conditions where
polymer crystals are readily deformed. This may
well correspond to conditions above the so-called
« transition temperature of the particular polymer.
This transition defines a lower temperature for the
region (the crystalline melting point is the upper
boundary) wherein crystals may be plastically de-
formed without being fractured by rupture of co-
valent bonds. The transition and thus the defor-
mation range probably change with pressure. It
is important to note, however, that as the melting
point is approached, the polymer chains will
deform ever more viscously with ever less mor-
phological change, even though the sample more
readily changes shape. Clark and Scott suggest that
the a transition temperature may commonly be
about 30° below the melting point [2]. Cold ex-
trusion experiments conducted below this tem-
perature must involve extremely long times for
molecular rearrangement and thus very slow ex-
trusion rates. Raising the pressure to increase the
extrusion rate may only result in fractured
extrudate,

Nielsen [182] investigated polyethylene and
found that in unbranched, slowly cooled and
annealed material, the « transition temperature
may be over 100° C, whereas if the polymer is
branched, orifitis a copolymer, or if it is quenched
from the melt, the « transition is lower. As the
degree of crystallinity is decreased, the magnitude
of the transition also decreases. According to
Nielsen [182], the o transition may be correlated
with crystallite size and the length of polyethylene
sequences in a crystallite. He thus proposed that
the transition may be related to the chain-fold
lengths and occurs at a temperature where the
folded chains can “recrystallize” in a time com-
parable to the time required to make the dynamic
test or deformation.

Below the « transition, the crystallites are less
able to deform plastically as-they act more like
chemical crosslinks. When deformed over a few
percent, the covalent bonds, already stretched,
lead to rupture, and the necessary pulling out of
folded chain crystals into extended chain crystals
is thus restricted. So, for attainment of high draw,
an optimum temperature of drawing (and pressure
for extrusion}) will likely be found between the o
transition temperature and the polymer melting
point. Takayanagi et ol [1] found that the
optimum temperature for the cold extrusion of
polypropylene was 110° C, which is just the pro-
posed o transition temperature.

Many investigators are studying problems
associated with cold extrusion as will be discussed.
A problem encountered in cold extrusion is the
appearance of cracks or crazes that occur usually
at higher (~30) extrusion ratios [1, 208, 217].
Work in this laboratory with high-density poly-
ethylene has shown that, as extrusion temperature
is reduced, the fractures occur at lower extrusion
ratios, indicating that the polymer crystals are in-
creasingly unable to plastically deform at the
lower (extrusion) temperatures. Although the ex-
trusion rate was slower at the lower temperatures,
it nonethless may have been faster than the
crystals could accommodate to plastically deform.
These defects, which apparently are small fractures
oriented at various angles to the extrusion direction,
result in oriented extrudates but with markedly re-
duced tensile properties. At high draw, the fre-
quency of fracture is increased, and the extrudate
eventually fails under its own weight.

Cold extrusion involves the deformation of
semicrystalline polymer. Corresponding defor-
mation analyses for polymer melrs [218-221]
have nonetheless been applied in an effort to
understand solid state deformation phenomena.

The origin of extrudate fracture has been in-
vestigated with respect to polymer melts flowing
through conical, converging dies [218—-220]. It
has been concluded that fracture originates at a
point where fluid elements are subjected primary
to extensional deformation, in the capillary inlet.
Shaw [220] has shown that lubrication of the
conical entrances forces the melt to converge at a
sharp angle of the die itself, rather than establishing
a more gradual convergence dictated by a balance
of shear and extensional forcesin the entry region
[221]. The lubricant was silicone vacuum grease.
He proposed that lubricant can reduce shear
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stresses and favour extensional flow, thus gen-
erating high tensile stresses which result in extru-
date fracture. Shaw concludes that die design for
minimum pressure drop is inconsistent with pro-
duction of unflawed extrudates because such a
design invariably increases axial extension rates.
Furthermore, he states that minimizing shear de-
formation in die design may cause higher tensile
stresses for many shear sensitive fluids.

Benbow and Lamb [223] investigated melt
fracture processes using both silicone gum and
polyethylene extruded through dies of different
materials. They measured the critical shear stress
at which the onset of melt fracture began. Their
results indicate that the critical shear stress for
branched polyethylene through brass dies is higher
than that for silver steel dies and shows a slight tem-
perature dependence, whereas critical stress is
independent of temperature in the silver steel dies.
Furthermore, the flow curves show a break in the
case of the brass dies whereas no break is seen with
extrusion through the silver steel dies. Other con-
clusions drawn from this work [223] are: (1) melt
instability originates at the die wall near the entry
to the die, (2) when the melt flow is unstable,
slipping occurs along the die wall, (3) flow bire-
fringence experiments suggest that the stress
changes in a manner consistent with a stick-slip
motion, and (4) interpretation of the onset of
melt instability as being due to a breakdown of
adhesion between the polymer and the die well
is supported by the known dependence of the
critical shear stress on molecular properties and
external conditions.

Predecki and Statton [206] point out that the
use of a lubricant in cold extrusion reduced the ex-
trusion pressures, consistent with Shaw’s [220]
results, but that the efficiency of the molecular
orientation was reduced. It was concluded that a
combination of extensional and shear deformation
gives the most effective orientation and chain ex-
tension.

In this laboratory, we have found that the use
of lubricants when cold-extruding polyethylene
can allow attainment of higher extrusion ratios.
With lubricant, extrudate clarity may be dim-
inished, due to lubricant coated on the extrudate
surface, but the physical and mechanical properties
have not been significantly reduced.

The effect of die entrance angle on extrusion
pressure has been investigated by several workers
[213, 215, 224] . Increasing the die entrance angle
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generally results in an increase in extrusion
pressure. Imada and Takayanagi [224] explain this
through a slip line analysis following the ideas of
Hill [225]. They calculated the slip lines for ex-
trusion through a slit die and showed that, by inte-
grating the force along the wall, the extrusion
pressure can be estimated on the basis of the slip
planes generated. The calculated result is an in-
crease in extrusion pressure with increasing
entrance angle as generally found experimentally.
Takayanagi et al. [215] suggest that this pressure
increase with entrance angle is attributable to the
change of stress, and consequently velocity distri-
bution, especially around the capillary inlet.
Predecki and Statton [206] noted that a small
(<10°) die angle was necessary to produce solid-
state extrudates free of defects.

Smith ef al. [226] point out that cold extrusion,
like hydrostatic extrusion, is limited by the
pressure buildup at high extrusion ratios. They
note that this is due to the pressure dependence of
the yield behaviour of polymers, which implies
that higher yield stresses are required for defor-
mation where there is any substantial hydrostatic
component of stress. This latter fact was noted by
Pae et al. [227] in an earlier work. This is con-
sistent with the results of Buckley and Long [212]
who found that a material of relatively high
modulus, like nylon, requires a greater pressure for
extrusion than a material of lower modulus, like
polyethylene.

Extrusion pressures employed in the cold ex-
trusion process range to several thousand atmos-
pheres, depending on choices such as extrusion
ratio and temperature, polymer, and use of lubri-
cant. Nakamura ez al. [1] found that the molecular
weight dependence of extrusion pressure for poly-
propylene was small compared with the case of
melt viscosity. They propose that this indicates
that the local molecular interaction is a pre-
dominant factor in solid state extrusion.

Increasing extrusion temperature was found to
increase the long period of cold-extruded poly-
ethylene [205, 222] as shown in Fig. 20. This can
be attributed to an annealing effect wherein the
extruded folded chain crystals grow in long period
and the extruded extended chain crystals revert
back to longer folded chain crystals [159]. It
could also be a consequence of the original crystals
being prepared at a higher temperature before ex-
trusion. Imada and Takayanagi [224] also noted
that polyethylene obtained at relatively low ex-
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Figure 20 Long period of extrudates versus extrusion tem-
perature. Points represent draw ratios from 4 to 25. (after
Maruyama et al. [222]).

trusion temperatures (~80°C) showed elastic
after-effects, such as shrinkage at elevated tempera-
tures. However, that extruded at high temperatures
(100 to 120°C) remained dimensionally stable,
even at temperatures as high as 120° C. The two
temperature ranges are respectively below and
above accepted values for T,. This implies that
either (1) the extrudates obtained at the higher
temperatures were substantially annealed in the
extrusion process, ot (2) amorphous orientation
only occurs at low temperatures (below Ty,), or (3)
stable long periods were produced (at the higher
temperatures) rather than shorter ones which were
annealed. Another effect of increasing extrusion
temperature may be a lower coefficient of friction
at the polymer die interfaces resulting in lower ex-
trusion pressure [222]. Further studies in this
laboratory on the effects of extrusion temperature
and ratio on cold-extruded polyethylene will be
published [228].

Kolbeck and Uhlmann [229] extruded high
density polyethylene, polypropylene, and poly
(vinylidene fluoride), using a silicone or fluoro-
carbon lubricant on their dies. They observed what
they believe to be necking of the deformed
polymer within the conical entrance region of the
die. (This could also result from relaxation of the
compressed polymer upon the release of pressure
prior to removal of the die). Deformational heating
was minimal so melting and recrystallization
during extrusion were presumed not to occur.
During the initial stages of deformation, the pre-

dominant flow appeared to be elongational,
whereas shear flow was indicated during later
stages of extrusion. The authors observed that at
large die angles (~40° included) the flow was
dominated by shear rather than elongational flow.
Kolbeck and Uhlmann conclude from their studies
that both elongational and shear deformation are
important in high stress extrusion, and that there
are many similarities to extrusion in both the
molten and crystalline state, leading them to
believe that the amorphous component exerts a
major influence on the extrusion of even highly
crystalline polymers.
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Figure 21 Schematic of solid state hydrostatic extrusion
apparatus. (after Buckley and Long [212]).

4.3. Hydrostatic extrusion

Hydrostatic extrusion is similar to cold extrusion
in that a ram or plunger is used to apply the ex-
trusion pressure. In hydrostatic extrusion, pressure
is transmitted through a fluid which surrounds the
polymer plug, see Fig. 21. Frictional forces be-
tween the plug and container wall plus die are re-
duced by the presence of the pressurized lubricant.
For these reasons, the pressure required for hydro-
static extrusion is lower, and the deformation
approximates more closely a convergent flow
[230] . This processis discussed by Williams [231],
and by Yoon er al. [232], Fuchs [233], and by
Alexander [234].

Hydrostatic extrusion has been predominantly
applied to polyethylene [230, 235-238], al-
though Buckley and Long [212] examined also
polypropylene, nylon 66, polyoxymethylene,
poly(vinyl chloride), poly(phenylene oxide) and
polytetrafluoroethylene. Williams [231] hydro-
statically extruded polypropylene, and Bhakja and
Pae [239], a polyamide.
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Gibson et al. [230] investigated the hydrostatic
extrusion of high density polyethylene using castor
oil as the pressure transmitting fluid and silicone
vacuum grease as a die lubricant. An extrusion
ratio up to about 20 was achieved. Above an
extrusion ratio of ~ 10, they noted a marked in-
crease in modulus as shown in Fig. 22. This was
also the point where the extrudate became trans-
parent and the birefringence began to level off
after initially increasing rapidly with extrusion
ratio (Fig. 23). The authors propose that the mor-
phology transformation to the fibre structure is
essentially complete when an extrusion ratio of 10
has been reached. They believe that further defor-
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Figure 24 Extrusion pressure versus die angle. Extrusion
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(after Nakayama and Kanetsuna [236]).

mation takes place by deformation of the fibre
structure itself [107]. This is consistent with the
common belief that high-density polyethylene has
a natural draw ratio of ~11.

Davis [235] hydrostatically extruded high
density polyethylene, using n-pentane, Kerosene,
oil, and water as extrusion fluids. He found that
coating the die with PTFE reduced a severe stick-
slip problem. The billet apparently stuck to the die
until sufficient excess pressure built up, then it
would extrude suddenly and completely at a
high rate. Extruding into a fluid-filled reservoir
also reduced this problem. Davis found that
practical extrusion ratios are limited by shear
failure of the extrudate as it exits the die rather
than by excessive extrusion pressure, as is the case
for metals, He also notes that solid state extrusion
may prove useful for processing polymers unamen-
able to traditional processing techniques. This
latter idea has been borne out in this laboratory
with some high-melting (>300°C) aromatic
polymers.

Nakayama and Kantesuna published three
studies on hydrostatic extrusion of high density
polyethylene [236—-238]. They studied the in-
fluence of die angle, extrusion temperature and
the extrusion ratio on the extrusion pressure and
the appearance of the extrudate [236]. The in-
cluded entrance angles used were 20°, 60°, 90°
and 120° (Fig. 24). They classified extrusion
pressure—displacement curves into three groups:



(1) Highly oriented extrudates having a smooth
surface obtained by steady-state extrusion at
higher temperature (100°C). (2) Extrusion at
lower temperature with a larger entrance-angle die
causing a stick-slip motion, which resulted in
fluctuations in extrudate diameter. (3) High extru-
sion ratios where drastic stick-slip effects resulted
in fractured extrudate. When extrusion was carried
out through a small-angle die at constant pressure,
a smooth transparent unflawed extrudate was ob-
tained.

Another study by these authors involved an
evaluation of the critical extrusion pressure and
rate of extrusion using a simple die with a 20° in-
cluded entrance angle [237]. A tensile testing
machine, capable of sustaining a constant load on
the billet, was used. Extrusions were carried out at
13 to 120° C and the minimum pressure required
for extrusion was determined, see Fig. 25. This
critical ressure decreased with increasing tempera-
ture, which also had a large influence on the
relationship between the extrusion pressure and
extrusion rate (Fig. 26).

The third study by Nakayama and Kantesuna
investigated the effects of strain hardening and
lubrication on extrusion pressure in hydrostatic
extrusion of polyethylene [238]. Extrusion ratios
(Rg) of 3 to 9 were used. Critical extrusion
pressure, Py, i.e. minimum pressure required for
extrusion, at different extrusion temperatures, Tg,
was plotted against In (Rg). A rapid increase in the
slope occurred at In(Rg)+ (90— Tx°C)~ 1.8,
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Figure 25 Extrusion pressure versus temperature. (o)
extrusion ratio: 6.1, (@) extrusion ratio: 11.3. (after
Nakayama and Kanetsuna [237]).

which was associated with strain hardening. To in-
vestigate the strain hardening, the mean defor-
mation resistance, gy, at each extrusion ratio, was
estimated by using Pugh’s equation. Several liquids
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Figure 26 Extrusion rate versus pressure at extrusion tem-
peratures shown. Extrusion ratio: 9.0 (after Nakayama
and Kanetsuna [237}).
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were used as the pressure medium to study lubri-
cation effects. These included Molycote M-30,
castor oil, glycerine, ethyl alcohol, glycerine—water,
and water. When the critical extrusion pressure
was plotted against included die entrance angle
(20), it was found that pressure first drops (at o =
20° > 60°) then rises (at @ = 60° - 120°) with in-
creasing entrance angle. This is shown in Figs. 24
and 27. This result contrasts with other investi-
gators {213, 215, 224] who have found that ex-
trusion pressure increases with increasing entrance-
angle.

4.4, Other techniques

A process which has produced highly oriented and
transparent strands of polyethylene and poly-
propylene has been developed by Collier et al
[240] using a commercial extruder with specially
designed dies. The orientation is developed in the
die entrance and is retained by crystallization in
the die. Crystallization is reduced in the pre-die
region by maintaining a temperature above the
melting point of the flowing oriented melt. The
procedure has the advantage of relatively low
pressures and the possibility of being a continuous
process.

Baranov et al. have utilized a process called “jet
stretching” to deform and produce fibres of poly-
ethylene [241], polypropylene [242], and nylon
6 [243]. The polymer is pumped through
spinnerets at high speed and subsequently drawn
at high rate at elevated temperatures. Small-angle
polarized light scattering was used to characterize
the structure as produced. The authors [243]
postulate that the original (nylon 6) threads con-
tain spherulites embedded in an amorphous glass-
like matrix. They contend that stresses develop in
this matrix, especially near the spherulite boun-
daries, and that these regions are subsequently
destroyed, resulting in spherulite flattening which
is reflected in the scattering patterns. At higher
elongations, macrofibrils were observed in both
optical micrographs and SALS patterns. Con-
clusions are that crystallization proceeds with the
occurrence of molecular orientation which sup-
presses the growth of folded crystals in the
direction of fibre formation.

Crystallization from a stressed melt was also
carried out by Hashimoto and coworkers [244]
using calendering equipment with linear poly-
ethylenes of differing molecular weights. Hard
elastic films, i.e. films which undergo a large elastic
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deformation on stretching along the machine
direction, were produced from high molecular
weight (M, = 30 to 35 x 10*) polyethylene. The
authors found that crystal lamellae were oriented
with their normals paraliel to the machine
direction. b-axis orientation remained perpen-
dicular to the machine direction whereas ¢- and a-
axis orientation along the machine direction pre-
vailed for the high and medium molecular weight
polyethylenes, respectively. They noted that the
proposal by Keller and Machin [245] that ¢- and
a-axis orientation result, respectively, from crystal-
lization under high and low shear stresses appeared
to be applicable to their systems. The c-axis
oriented films produced the hard elastic properties
whereas the g-axis oriented films exhibited the
usual yielding and necking. Hashimoto and co-
workers conclude that the deformation of speci-
mens along the machine direction involves lamellar
bending and interlamellar slip, the former elastic in
nature and the latter basically viscous and time-
dependent. Both processes are thought to involve
a plastic deformation of crystals.

Kwei et al [246, 247] have developed a
quench-rolling process for producing tough and
transparent high-density polyethylene film. The
preparation involves simultaneous high speed
quenching (10%*° Csec™) and shearing (~10°
sec™!) of a polymer melt during crystallization.
Two cold rotating metal rollers provide the shear
and temperature gradient. Young’s modulus,
measured in the rolling direction is 4 x 10'° dynes
ecm™? which is about 12 times higher than un-
oriented film and about twice the modulus of film
drawn at room temperature 10 x. The tensile
strength of 1.04 x 10° dynescm™ is about seven
times greater than unoriented film and slightly less
than the 10 x film.

Further studies on stress- (or strain-) induced
crystallization can be found in the March, 1975,
and 1976 special symposium issues of Polymer
Engineering and Science, while a review by Biggs
[248] discusses processes used for attainment of
ultra-high moduli. A review on ‘“hard elastic
fibres”, which are semicrystalline polymers crystal-
lized under stress and retaining both high modulus
and elastic recovery, has been published by
Cannon et al. [249] . This paper elaborates on the
morphology, mechanical properties, and physical
mechanisms of these materials, which the authors
term “‘springy polymers”.



5. Summary and conclusions

Solid-state deformation has been used to achieve
materials with ultra-high tensile moduli by taking
advantage of the high strength of covalent bonds.
This is accomplished by the pulling out of chain
folds and subsequent extension of the molecular
chains which run both through and between crystal
lamellae. Three major processes detailed here are
effective methods of aligning and extending chain-
molecules in order to gain from them the strength
and stiffness needed for many of today’s and to-
morrow’s structural applications. The cold-drawing
process has the advantage of adaptability to com-
mercial equipment as now used to process polymer
fibres. The cold extrusion technique brings
another variable, pressure, into the picture, ex-
panding the possibilities for more perfect uniaxial
extension. The hydrostatic extrusion method,
while in some cases messy, allows lower pressures
and virtually eliminates frictional.problems be-
tween polymer and processing equipment. While
fracture at high extrusion ratios is a problem in
cold extrusion, voiding at high draw ratios is like-
wise a problem with cold drawing, and interaction
between the polymer and the pressure-transmitting
fluid can lead to faulty results in the hydrostatic
extrusion technique.

In some respects, the three types of solid-state
deformation can be combined, as cold-drawing can
be done under hydrostatic pressure [232,250, 251]
and the extrudates from both cold and hydrostatic
extrusion can be drawn as they emerge from the
die [231]. The latter technique is presently being
investigated in this laboratory and preliminary
results show increased rates of extrusion as well as
the possibility of lower extrusion pressures.

Further research into the mechanisms of, and
(optimum) conditions for, solid-state deformation
will lead to more efficient processes and a yet
closer approach to the high theoretical moduli of
most semicrystalline thermoplastics.

6. Note added in proof

Farrell and Keller [255] have recently applied the
technique of low frequency Raman spectroscopy
to the characterization of solid-state extruded high
density polyethylene. They found that upon de-
formation some molecular chains refold to a fold
length appropriate to the processing temperature,
while other chains unfold from lamellae. The un-
folding leads to higher modulus and is more preva-
lent at the centre of the extrudate.

Pennings and co-workers have continued their
series on the crystallization of polyamides under
pressure [256—-259]. One study [256] deals with
the morphology and structure of pressure-crystal-
lized nylon 6. Results indicated a brittle, extended
chain morphology in which crystal perfection
markedly increases with pressure. Despite large
increases in crystallinity and a closer packing of
chains, the concentration of free N—H groups is
considerably enhanced, possibly due to the distur-
bance of antiparallel chains during chain extension
[256]. No crystal structure modification was ob-
served.

A companion study by these authors considered
the effect of annealing nylon 6 under pressure
[257] . It was found that greater crystal perfection
could be obtained by annealing under pressure al-
though there was evidence of thermal degradation
in some of the samples. The highest melting point
and heat of fusion measured was 269°C and
41.2calgm™ respectively.

A third investigation combined pressure-induced
crystallization and the annealing under pressure of
nylon 11 [258]. Chain-extended crystals were
formed from folded chain ones grown from the
melt in the initial stage of crystallization under
pressures exceeding 3 kbar. ; he heat of fusion and
melting temperature were increased considerably
by pressure-induced crystallization and by
annealing under pressure.

Finally, nylon 12 was pressure-crystallized from
the melt and subsequently annealed under pressure
[259]. Both crystallization and annealing under
pressure led to a partial transformation of the
pseudo-hexagonal or monoclinic crystal structure
to an alpha modification. Other results reported
were multiple melting peak thermograms and a
broadening of lamellar size distributions. Heat of
fusion was doubled and melting point increased
30° C above the values for conventionally crystal-
lized samples.

Burnay and Groves [260] deformed high
density polyethylene to a compression ratio of 6.7
and examined the results by electron microscopy
and X-ray diffraction. They noticed regions of
highly misoriented lamellae which apparently do
not affect X-ray patterns. These lamellae are
thought to be remnants of spherulitic regions
where no interlamellar or intermolecular shear
forces were acting.

A clarification of apparently contradictory
results regarding sample length changes with
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lamellae spacing changes upon solid state defor-
mation of polyethylene has been set forth by Pope
and Keller [261]. They note that if both types of
measurements are carried out at the temperature
of deformation, ail observed effects can be ex-
plained by known temperature-dependent struc-
tural processes. Nakayama and Kanetsuna have
published part 6 of their series on the hydrostatic
extrusion of solid polymers [262]. They observed
considerable orientation and severe deformation
of high density polyethylene crystallites at low de-
formation ratios, and rotation of crystallite blocks
to the extrusion direction at higher (A > 4) defor-
mation ratios. Higher extrusion temperatures (70
to 110°C) resulted in higher Vickers hardness
numbers .and. the extrudates with higher defor-
mation ratios shrank the least when annealed at
100° C in water.

The effect of initial density (crystallinity) on
the tensile properties of ultra-high molecular
weight linear polyethylene was investigated by
Trainor et al. [263]. The authors note, among
other things, that the deformation mode changes
from uniform extension to necking behaviour
above a specific gravity of ~0.945, that yield
stresses increases with increasing specific gravity,
and that orientation hardening occurs with all
materials studied, above about 200% extension.
Strain at failure apparently decreases with in-
creasing specific gravity (crystallinity).

A fibre composite model of highly oriented
polyethylene has been recently proposed by
Barham and Arridge [264] working at Keller’s
laboratory at Bristol. Crystalline fibrils are seen
as deforming homogeneously during a secondary,
taper-drawing process. The resulting increase in
aspect ratio is believed to be responsible for the
increase in tensile modulus owing to the increased
efficiency of the fibrils as reinforcing elements.
Further details and equations are presented in a
quantitative description of what is phenomeno-
logically observed.
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